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Elasticity to atomistics: predictive modeling of defect behavior

of the two phases. Crystal dislocations (LID) do not move laterally along the interface
in the TM, but are assumed to glide through the martensite in the wake of a moving
interface; consequently, their b must be inclined to the HP.

For quantitative modelling it is essential to be precise about the definition of b*and
(b”,h), and this is achieved using the Topological Theory of Interfacial Defects [9].
This rigorous theory is expressed in terms of the space-group symmetries of the two
crystals; it does not require the creation of a lattice common to both crystals, as in the
CSL and DSC approach.

Line directions and spacings of candidate dislocation/disconnection networks to
accommodate coherency strains can be determined using the Frank-Bilby equation
[10, 11]. However, the step character of disconnections introduces an additional
topological factor to be taken into account. Dislocation content is now coupled to the
orientation of the interface plane, and an iterative procedure is needed to find the
network that relieves coherency strains on the resulting habit plane (as opposed to the
terrace plane).

As is apparent in Fig 1, the HP deviates from the terrace plane to an extent dependent
on £” and d” (the terrace and habit coordinate frames are designated x, y, z and x’, y’,
z’ respectively). Also, the OR of the adjacent crystals is not determined exclusively
by the crystal alignment across the coherent terrace. According to the topological
model, the distortion field of a static interface can be written as the sum of a tensor
strain and a rotation

g)oc gxy sz 0 - ¢xy ¢xz
(. y.2)=le, €, &.|+ 6, 0 -4, (1)
gxz € vz gzz - ¢xz ¢yz O

The strain and rotational distortion components of I'* (x’, y',z‘) vary from point to

point, describing both the short- and long-range fields produced by superposition of
the coherency strain and the elastic field of the defect network. At short-range all
strains are partitioned between the phases in a manner depending on their relative
elastic compliances. In the case where the coherency strain is completely

accommodated by the network, all component strains except¢_, vanish at long-range.
At short-range, these strains alternate in sign along x’ and y’ respectively, in anti-
phase across the habit plane, and diminish to zero when z'~ z, is approximately equal

to the relevant defect spacing, d” or d" [12]. The magnitude of ¢__ will be finite at
long-range in the “single interface” case, where no constraint by the matrix is present.
For z' > z, the rotational distortions are constant and equal to the ancillary tilts, ¢_

and ¢;Z , and twist, ¢;(y )

Moving disconnections serve to produce the plastic transformation strain. A moving
dislocation sweeping an area A produces an engineering strain per unit volume I' =
bA'. Here, A = An with n a unit normal to A, and the superscript indicates a row
vector. Hence a straight disconnection of length / moving by oy in the y direction in

the terrace plane coordinates sweeps an area 4 = ¢Jy, numerically equal to dy for a
defect of unit length. This motion produces an engineering strain
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00 5. b\
r={0 0 y,.|=8/b,| 0 0 n), )
00 &, b,

with n, = 1. Here by and b, are edge components and by is the screw component of a
disconnection with &” parallel to x/x’. This strain matrix can also be regarded as a
tensor strain E, plus a rotation R

0 0 & 0 0 ¢ b,
I'=E,+R=| 0 0 & [+ 0 0 —¢_|=5/b|0 0 n). 3
gxz & vz gzz - ¢xz ¢yz 0 bz D

Near a single disconnection there can also be strains &y, arising from the screw
component, if present. However the strain is very small or zero on the terrace plane,

and is cancelled by the fields of other disconnections in the array when z > ~ d” and
therefore is ignored as a local effect. Here, for example, the component g, = Vx,/2 =
b.dy/2 and ¢, = b,Sy/2. For a train of disconnections as in figure 1, with 1/d”
defects per unit length in the y direction, the strain produced by the train isT"/d” .
Uniform motion of unit area of the train by -3y transforms a volume numerically
equal to 46y/d” from A to p and translates the habit plane in the z’ direction by 8z =
-0y sin 6. Thus, knowing b, one can simply write the total engineering strain
components produced by motion of the disconnection train, ">, as

0 0 yxz bX D
r’=(0 0 y, =% b| 0 0 n) 4)
0 0 ¢, b,

We emphasize that these are plastic strains and rotations. There are also rotations
associated with the elastic distortion fields of the defects as discussed in Section 2;
these are associated with the interface structure, which is unchanged on average as the
train of defects moves. Thus the rotations connected to the elastic distortions are
unchanged by the motion 6z’ of the habit plane. The LID defects are also associated
with the interface structure and have long-range rotations which are also unchanged
by the motion 6z’ of the habit plane. The LID defects that are translated in the z-
direction by the disconnection motion produce an additional plastic engineering strain

b L
Fi:% b | @ g g.) ()
cosy|,

z

where[g,,g,,g.] is the unit normal of the glide/twinning plane and y is the angle

between the glide and terrace planes.
We now summarize the implementation of the topological model to find the defect
structure of a two-dimensional transformation interface; full details have been
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presented elsewhere [5]. One first seeks a matched terrace plane with small misfit;
these display energy minima, and, as outlined above, are essential for diffusionless
transformations. Then the crystals adjoining the terrace plane are uniformly strained
to achieve coherence at the interface. The crystal lattices are interpenetrated to form a
dichromatic pattern. This is the coherent reference state. Inspection of the reference
state allows one to select candidate disconnections (b, h) and dislocations (b, 0). For
simple systems, one can then deduce the correct network parameters to relieve all
long-range coherency strains, and thus determine the orientation of the habit plane
and the ancillary rotation. For less simple systems one can proceed to solve the
Frank-Bilby equation iteratively to determine the spacings and line directions. In any
case, tilt or twist rotations can be superposed if needed, partitioning the rotations
between the two crystals.

3.1 Disconnection motion

The nucleation of a new plate of martensite is clearly heterogeneous, with the possible
exception of driving forces so large that the mechanism approaches one akin to
spinodal decomposition, a case not considered here that may even occur by direct
shuffling rather than defect motion. Once nucleated, there are several sources for
continued formation of disconnections at a source. These include pole-type spiral
mechanisms, strain fields at plate facets, precipitate intersections [83], and repeated
nucleation from grain boundaries. Hence, transformation proceeds by a train of
moving disconnections. There are three classes of behaviour. For fast martensite,
such as that forming in quenched steels, the driving forces are so large that the
disconnections athermally overcome any Peierls resistance and move at velocities
approaching the speed of sound, as indicated by sonic emissions and velocity
measurements. The motion is likely to be phonon damping controlled with a possible
inertial contribution and the disconnections should remain nominally straight as they
move, by analogy to dislocation motion at such high velocities. For slow martensite,
such as that in shape memory alloys, motion by kink-pair nucleation and lateral
propagation should be the operative mechanism. The disconnections should
nominally remain parallel to Peierls valleys, although locally they would deviate from
such parallelism because of the presence of kinks. Lateral kink propagation could
occur by a thermally activated diffusional motion or by a drift mechanism involving
phonon drag. The effective Peierls barrier should be greater, leading to slower
disconnection velocity, in non-metallic crystals and for disconnections that are
extended zonally and require shuffles as they move.
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Anna Serra' and David J. Bacon?

1Dept. Matematica Aplicada III, Universitat Politecnica de Catalunya (UPC), Jordi Girona
1-3, 08034 Barcelona, Spain (E-mail: a.serra@upc.edu)
2Department of Engineering,Brodie Tower,The University of Liverpool,Brownlow Hill,
Liverpool L69 3GH, UK (E-mail: djbacon@liverpool.ac.uk)

ABSTRACT

Computer simulation is used to study the interaction of a moving {1012}twin boundary with
straight crystal dislocations, clusters of self-interstitial atoms and vacancies, and dislocation
loopsin a model of a-Zr. The interaction of crystal dislocations with twin boundaries can result
in a variety of reactions, depending on the atomic structure of the boundary and the character of
the dislocation. A possibly significant one is dislocation absorption by the boundary and
subsequent transformation into a boundary defect that can be a source of twinning dislocations.
Simulations also show that point defect clusters encountered during twin boundary motion can
act as obstacles and cause strengthening by pinning twinning dislocations and restricting twin
boundary motion. Furthermore, moving boundaries can act as sinks or recombination centres for
defects, thereby providing a means for removing defects from regions of radiation damage.

1 Introduction

Plastic deformation in the HCP metals is partly accommodated by twinning, and therefore the
mechanisms by which twins grow by motion of their boundaries and the interaction of these
boundaries with other defects are of particular interest. Moreover, if the metal contains radiation
damage in the form of point defects and their clusters, the interaction of twin boundaries with
these defects may contribute to changes in the mechanical properties. Whereas the atomic-scale
processes involved in dislocation-defect interaction have been studied extensively [1], the
deformation mode associated with diffusion-less motion, i.e. not requiring mass transport, of
mobile boundaries under shear stress has had little attention and is the subject of this paper. The
deformation mode considered is {1012} twinningin a model a-Zr [2]. We study the interaction
of crystal dislocations with a twin boundary and the mechanism of creation of a source of
twinning dislocations and the interaction of the twin boundary with point defect clusters.
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2 Simulation model

The model has about 0.5M mobile atoms and consists of two half-crystals in twin orientation
separated by either a planar interface or an interface containing a twinning disconnection, i.e. a
line defect with both dislocation and step character, with Burgers vector by,= Z[1011] (see [3,4]
for details). The subscript 2/2 indicates the number of (101 2)lattice planes, spacing d, at the step
in the upper and lower crystals respectively. The bi-crystal has periodic boundary conditions in
the glide plane x-y of the twinning dislocation and fixed boundaries (rigid blocks of atoms) in the
z direction. When a twinning dislocation crosses one periodic boundary, it appears at the
opposite site of the simulation box and, due to the step character, the twin interface is displaced
in the z direction by the step height 24. The twinning dislocation is induced to glide by applying
shear strain in increments of 10” via displacements of the upper rigid block. The system is
relaxed to minimise the potential energy after each displacement in this static simulation (7 =
0K) and the applied resolved shear stress is calculated as described in [7]. Crystal dislocations or
defect clusters can be introduced on either side of the twin interface in order to consider the
effect of tension below or compression above the interfacialb,, dislocation. Atoms with irregular
coordination number are recorded and plotted as shown in the figures.

3 Results
3.1 Conservative movement of the {1012} twin boundary.

A twin interface moves conservatively by glide of disconnections and there is a multiplicity of
interfacial line defects that introduce a step and have a Burgers vector by, parallel to the
interface. The movement of such defects is, in principle, conservative although the atoms in the
disconnection core shuffle to restore the correct structure. The set for which n is even includes
the elementary twinning dislocation with Burgers vector b,jshown in Fig.1. The small magnitude
of by, combined with the small /% results in a stable defect with a wide core. Glide of this
disconnection under a twinning shear stress produces conservative displacement of the boundary
in the direction of its normal. Thus, a source of by, defects that can move with the boundary
provides an efficient way for twinning to proceed. We describe such a source in section 3.3.

3.2 Interaction of the twin boundary with crystal dislocations with b= £ <1120 >

The interaction of a 60° crystal dislocation with the twin boundary depends on the sign of the
dislocation and the relative position of the two Shockley partials with Burgers vectors 5°° and
b*at 30° and 90°to the dissociated line dislocation, respectively. The order of the leading and
trailing partials is reversed for dislocations located on adjacent glide planes. The result of
interaction of 60° dislocations of opposite line sense with the twin interface is shown on the left
and right of Fig.1. The dislocation on the right (light symbol) is totally absorbed to forma b.s,.
gboundary defect that is independent of the leading/trailing order of the dissociated crystal
dislocation. The reaction on the left (dark symbol) depends on the partial order. If the 5*°partial
leads, the dislocation is absorbed to create a boundary defect b4, but if the b’’leads no
absorption occurs. The resulting structure shown on the left of Fig.1is ab4/4 boundary dislocation
that pins the 5*°partial: notice the 30° partial as two rows of atoms above the step).
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=
Tp
o b,

Figure 1. Twin boundary showing three boundary defects (described by the symbols below the
boundary).b,,4 and b_s,¢result from interaction with crystal dislocations (shown above the boundary).

3.3 Sources of bytwinning dislocations

The small magnitude of b of this disconnection, the low Peierls stress for its glide along the
interface and the easy shuffles needed to accommodate this glide favour the creation of
b, dipoles in regions of the boundary where there is a stress concentration. In fact, the b,,defect
shown in Fig.1 has been generated in the upper part of the riser of the b.s.¢ defect. Under a
positive (negative) shear strain the b.s.¢ defect acts as a source of by, twinning dislocations that
glide to the left (right) and move the boundary up (down)[5]. Importantly, the shear strain
induces a conservative self-compensated climb of the b.s.¢ defect so that it remains in the
boundary, thereby supplying the necessary twinning dislocations to maintain the conservative
movement of the interface.

3.4 Interaction with point defect clusters

Clusters of self-interstitial atoms and vacancies, each containing up to 35 point defects, are
introduced into one crystal. Movement of the boundary is achieved by the glide of a b,,twinning
dislocation of edge character under applied shear stress. Several reactions are observed, the
result depending on cluster orientation and location relative to the interface plane. They include
a) restriction of twin boundary mobility; b) change of cluster orientation and shape; c¢) glissile
cluster drag by the boundary without contact; and d) total or partial absorption of a cluster by the
twin boundary and cluster drag, together with simultaneous glide along the interface. It is
concluded that the applied shear stress for motion of twin boundaries is raised by interaction with
point defect clusters.

3.5 Interaction with dislocation loops

The interactions of the twin interface with rectangular (~9x5nm) perfect dislocation loops with b
= 1<1120> and sides lying in the basal and prism planeswere simulated.Loops were either
vacancy or interstitial edge loops located in the three {1120}planes. Some properties of clusters
are kept but, in general, the interactions with dislocation loops are more complex. As an
example, Fig.2 shows a vacancy cluster with b parallel to the twinning plane. The cluster

805



Elasticity to atomistics: predictive modeling of defect behavior

induces loops of b,disconnections in the interface that interact with the pre-existing twinning
dislocations of this boundary.

(a) (b)

Figure 2.Vacancy loop interacting with a b, twinning dislocation that is moving from left to right in
the twin boundary. Before (a) and after (b) the interface reaches the loop.
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ABSTRACT

The use of large scale molecular dynamics to study the mechanical properties of FCC
nanocrystalline (nc) metals provides a detailed picture of the atomic-scale processes during
plastic deformation at room temperature. Simulations have revealed interface dominated
processes such as grain boundary sliding and migration, and intragranular deformation processes
involving dislocation activity. In particular grain boundaries can act as both sources and sinks for
partial or full dislocations and the surrounding grain boundary environment can significantly
affect the motion of a dislocation as it propagates through the grain. Simulations have now
revealed that cross-slip also occurs in nc-Al simulations, and that the grain boundary structure is
found to strongly influence when and where cross-slip occurs, allowing the dislocation to avoid
local stress concentrations that otherwise can act as strong pinning sites for dislocation
propagation. More generally, statistical properties of dislocation activity in the nanocrystalline
Al simulations are discussed in the context of micromechanical models on nanocrystalline
plasticity.

1. Introduction

The search for understanding of the deformation mechanism in nanocrystalline (nc) metals has
widely profited from the use of molecular dynamics (MD) simulation, revealing grain boundary
(GB) accommodation processes such as GB sliding and intragranular slip involving dislocation
nucleation and absorption at GBs [1]. Additional to the simple picture of planar dislocation
propagation through the grain, the GB structure can force a screw dislocation to leave its initial
habit plane via cross slip in order to find the most effective dislocation pathway through the grain
[2]. Dislocation interaction with GBs, nucleation and propagation, depends on the local character
of the GBs. Therefore the stresses related to the dislocation-GB interaction will be characterized
by a distribution, which can be linked to meso-scale models. In the present work the effect of
cross-slip on the stress-strain curve is discussed in terms of strain hardening.

2. Computational Procedure

A standard large scale molecular dynamics simulation was performed at a constant temperature
of 300 K and a constant strain rate of 1e8 /sec. Periodic boundary conditions were imposed in all
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three dimensions. The uniaxial strain was modeled by longitudinal continuous constant scaling
of the box-size and by using a zero stress condition in the transversal directions utilizing the
Parrinello-Rahman barostat [3]. The nc microstructure for the 100 grain sample with a mean
grain size of 11.5 nm was constructed via the Voronoi tessellation procedure as described in
detail in ref. [4]. The interatomic forces and energies were modeled by the embedded atom
model potential for Al [5], which is known to result in the nucleation of perfect dislocations
within the MD time scale, since the ratio of unstable to stable stacking fault energy is close to
unity [6]. For analysis at the atomic level, the medium range order (MRO) procedure is used in
which atoms colored according to their local crystallographic class: gray represents face centered
cubic (FCC) atoms, red hexagonal closed packed (HCP) atoms, green other 12-coordinated
atoms and blue non-12-coordinated atoms.

The local atomic stress tensor was determined by the atomic virial atomic formulation [7]. The
grain average resolved shear stresses (GRSS) was calculated from the local stress tensor of all
FCC atoms in a grain and decomposed into the 12 slip system shear components of the FCC
crystal.

2-0 L] I L] I L) l L] I 200 L] I ¥ I ¥
stress-strain e
- —— dislocation number 1 1.0 m e .
’&; 15 _—D—cross—slipdislocation numbEf. 4 150 : ﬂ \‘ ‘;\-\:\\‘I
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o T 1 o ,
2 1.0 1100 G 08} L \
£} / ] ? o R et
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Figure 1. (a) (Left axis) Stress-strain for a constant strain rate of 1e8 /sec. (Right axis) Total
cumulative number of dislocation (filled blue squares) and number of these dislocations that
have cross-slipped as a function of strain (opened blue squares). (b) Grain averaged resolved
shear stress (GRSS) of one particular grain. The insets display the slip before (lower left) and
after (upper right) the discrete stress drop. The atoms are coloured according to the Burgers
vector length (partial Burgers vector blue; perfect Burgers vector green). The gray volumetric
regions visualize the grain shape.

2. Stress-Strain Curve and Dislocation Activity

Fig. la (left axis) displays the resulting stress-strain curve, and an extended elastic-plastic
transition regime is seen until a flow stress of approximately 1.5 GPa. Beyond this region the
flow stress decreases with increasing total strain. From inspection of the slip traces the
dislocation activity was enumerated and is presented in Fig. la (right axis). Significant
dislocation propagation begins at ~4 %; just before the maximum flow stress is reached. A delay
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in the onset of macroscopic plasticity was also observed experimentally [8]. Before the onset of
dislocation based plasticity, the elastic-plastic transition regime is predominately controlled by
grain boundary processes, such as GB sliding, atomic shuffling and GB migration; and by
nucleation of the leading or even the trailing partial dislocations that do not propagate [9].
Furthermore Fig. 1a shows the number of these dislocations that cross-slip, and reveals that the
likelihood for cross slip occurring increases with strain.

Using GRSS the stress history was analyzed at the grain level. Fig. 1b shows a typical example
of the GRSS as a function of strain. The insets display the slip before and after the stress drop at
6.8 %. Evidently, dislocation propagation causes a stress relaxation at the grain level. Hence the
stress state before the drop can be taken as a measurement of slip resistance. The distribution of
critical GRSS throughout the simulation up to a total strain of 8.5 % is shown in Fig. 2.

0F .<85% [] T

20 | -

10 - .

number of slip events

0
0.0 02 04 06 0.8 1.0

critical GRSS (GPa)

Figure 2. Histogram of critical GRSSs [9] (as for example shown in Fig. 1b).

The distribution is characterised by a mean value of ~700 MPa. Detailed analysis of the
mechanism reveals a correlation with the critical GRSS in the following manner [9]:

e Dislocations at a high GRSS (~900 MPa) nucleate and subsequently propagate
unhindered through the grains.

e Dislocation processes at an intermediate GRSS (500 — 900 MPa) exhibit a temporal
separation between nucleation and propagation due to the pinning-depinning mechanism
[1]. In other words dislocation propagation is a distinct mechanism from the dislocation
nucleation. Furthermore, in this GRSS regime (double-) cross-slip usually occurs.

e Dislocation processes at a low GRSS (smaller 500 MPa) exhibit more complex processes
which can include a change of the involved grain boundary structure, dislocation-
dislocation interaction, or dislocation cross-slip. For example, GB dislocations in small
angle GBs propagate through the grains causing grain coalescence.

The majority of the dislocation events operate in the intermediate GRSS regime and therefore the
presented simulation supports the picture that dislocation mediated plasticity in nanocrystalline
FCC metals is predominantly controlled by dislocation propagation in high the strain rate regime
of MD.
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3. Dislocation Cross-Slip

As already mentioned, the GRSS statistics points towards the importance of the dislocation
propagation which is hindered by the local GB structure (e.g. ledges and misfit structures) [1]
and cross-slip is observed [2]. In this section the importance of the GB structure becomes even
clearer since dislocations can bypass these pinning sites via cross slipping screw segments.

D = A ; ‘

Figure 3. (a)-(c) Three snapshots of a perfect dislocation that cross-slips twice to avoid potential
pinning sites of the GB 86-7 shown by the compressive stress regions in (d) [2]. Only non-FCC
atoms within the grain are shown. The pressure in (d) ranges from -1.5 GPa tensile (blue) to 1.5
GPa (red) compressive stress (adapted from [2]).

Fig. 3 a-c display the temporal sequence of such a dislocation as it cross-slips through grain 86.
The gray volumes visualize some of the neighbouring grains. Only the dislocation cores (blue
and green atoms) and the stacking fault (red atoms) are shown according to there medium range
order. The leading partial dislocation nucleates at the triple junction [indicated by the yellow dot
in Fig. 2a] whereas the trailing partial dislocation nucleates at the GB 86-13 [indicated by the
light blue dot in Fig. 2a] resulting in a perfect dislocation with the Burgers vector AD according
the Thompson tetrahedron shown in Fig. 3a-d. This dislocation propagates on the (c)-plane
[indicated by the transparent blue area in Fig. 3] until the left dislocation end encounters a highly
compressed GB region (GB 86-7) [indicated by the white circle in Fig. 3d]. Here the dislocation
cross-slips onto the plane (b) [indicated by the transparent magenta area in Fig. 3]. During
subsequent propagation (Fig. 3 b and 3 c), the edge segment moves to the right whilst the screw
segment double cross-slips back onto another (c)-plane [indicated by transparent yellow area in
Fig. 3a-c] resulting in an evolving stair rod structure [see for example upper right inset in Fig.
2b]. Before the dislocation is absorbed into the GB on the new habit plane (c), the dislocation is
seen to make three attempts to cross slip onto other (b)-planes [see upper right inset in Fig. 3¢
and locations indicated by yellow circles in Fig. 3d]. Close inspection of the 1*' cross slip region
reveals that the compressive stress states in the GB 7-86 is caused by a misfit structure, which
accommodates the misorientation between the grains. Therefore cross-slip allows a dislocation to
avoid compressive regions in a GB where the edge component otherwise has to be deposited and
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hence the dislocation is able to be deposited in more favoured tensile region such as a triple line
(indicated by yellow line in Fig. 3d).

The occurrence of cross-slip, which is classically known to reduce the strain hardening in stage 3
of single crystal plasticity, also explains why in nanocrystalline metal no strain hardening in the
simulation is observed beyond yielding. Former MD simulations showed relief of stress
intensities upon dislocation nucleation [1] [10] [11], but at the same time new stress intensities
are built up due to the lack of GB relaxation upon arrival of new dislocations within the MD time
frame [12] [13]. Such an accumulation does not lead to an increase of the flow stress with
increasing strain (Fig. 1a) and can be understood when dislocations are able to circumvent these
new stress intensities via cross-slip.

4. Conclusion/Summary

Projecting the details of MD towards meso-scale models, the following issues should be taken
into account [9]:

e A distribution of the slip plane areas for a given grain size.

e A distribution of the critical resolved shear stresses required to trigger slip events.

e The incorporation of a distribution of dislocation sources that are activated at shear

stresses lower than that required for the dislocations to propagate.

Furthermore the additional degree of freedom in dislocation pathways — namely via cross-slip —
brings an important new aspect to the subject of dislocation propagation within nc environment,
since this mechanism enables dislocation to bypass pinning sites.
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ABSTRACT

Thin foils of pure Fe and Fe 5-11%Cr alloys were irradiated with 100-150 keV Fe" and Xe"
ions at 20°C, 300°C and 500°C in the IVEM-Tandem Facility at Argonne National
Laboratory. Dynamic TEM observations followed the evolution of damage over doses <
13dpa. Several new observations of interest to modelers were made:

Small 2-4nm dislocation loops with <100> and "2 <111> Burgers vectors first
appeared at doses 0.01-0.1 dpa , much higher than in many other materials.

The contrast of new loops developed over time intervals as long as 0.2s, many orders
of magnitude longer than expected for a process of cascade collapse.

Loop hopping and loss of loops to the surface was induced by both ion irradiation and
the sub-threshold electron beam alone.

In Fe the number of loops retained was strongly dependent on the foil orientation; less
loop loss occurred in FeCr alloys.

At doses greater than about 1 dpa, complex microstructures developed in thicker
regions of foils, but these microstructures were quite different at 500°C than at lower
irradiation temperatures. In Fe irradiated at 300°C the damage took the form of
interstitial loops with b =1'<111>. Large finger-shaped loops developed by the
growth and coalescence of smaller loops. At 500°C in the same material large loops
with b = <100> developed.

Similar damage structures developed in Fe8%Cr, although on a finer scale than in
pure Fe. At 20°C and 300°C most loops had b = 14<111>; at 500°C most were <100>.

Several of these observations are consistent with recent modeling, as will be discussed.

The IVEM-Tandem Facility at ANL is supported by the US DOE Office of Science. Part of
this work was funded by the UKAEA, Culham Science Centre.
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ABSTRACT

We have carried out a series of TEM experiments to investigate systematically the
role of the cascade energy density and vacancy concentration in the collapse of
displacement cascades to vacancy dislocation loops in molybdenum. Single-crystal
[011] and [001] foils of high-purity molybdenum were irradiated with Sb" single ions
and Sb," and Sbs" molecular ions. Three different ion energies were employed
(60keV, 120keV and 180keV) in order to vary systematically the total cascade energy
(the energy per ion) and the energy per atom. Loop sizes and defect yields were
found to be larger for molecular ions than for single ions at constant cascade energy.
The defect yield was typically three times larger for Sb;™ molecular ions than for
single ions of the same energy. In [011] foils most loops had Burgers vectors b =
2<111> lying in the plane of the foil. However in molecular ion irradiations a small
fraction of loops with b = <100> was also found. This fraction was higher for Sb;"
than for Sb, " ions and also increased with ion energy. In [001] foils defect yields were
much smaller because of the loss of glissile /2<111> loops to the surface, but < 100>
loops were still present in molecular ion irradiations. In Sb;" irradiations of [001] foils
a large majority of loops had b = <100>. These results will be compared with recent
molecular dynamics simulations of the effect of the mass of primary knock-on atoms
on displacement cascades debris in iron by D.J. Bacon’s group [1]

[1] A.F Calder., D.J., Bacon A.V. Barashev and Yu.N Osetsky, “Effect of Mass of

the Primary Knock-on Atom on Displacement Cascade Debris in a-iron”,
Philosophical Magazine Letters 88 43 (2008).
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Atomic-scale Modeling of Helium Atoms and Vacancies
in Dislocations in alpha-Iron

Howard Heinisch
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ABSTRACT

Atomic-scale Modeling of Helium Atoms and Vacancies in Dislocations in alpha- Iron H.L.
Heinisch, F. Gao and R.J. Kurtz Pacific Northwest National Laboratory, Richland WA, USA
Helium is known to cause embrittlement of steels and other metals, and its presence is
inescapable in the structural materials of a fusion reactor, including the low activation ferritic
steels that are candidates for near-term fusion devices. Experimental evidence indicates that
helium accumulates on dislocations, at grain boundaries, and particle-matrix interfaces in ferritic
steels, leading to bubble formation and embrittlement of the material. The possibility that
knowledge-based alloy design can provide steels that are resistant to the effects of helium
requires at the very least an understanding of the kinetics and dynamics of helium atoms in and
near these microstructures. Multiscale modeling, from first principles atomistic simulations to
mesoscale descriptions of embrittlement and cracking, is being developed to address this
problem. We report here on results of modeling He-dislocation interactions using molecular
statics, molecular dynamics and transition state energy determinations of helium atoms,
vacancies and helium-vacancy clusters near and within dislocations in alpha-iron. It is found that
both vacancies and helium atoms are trapped in the core of a screw dislocation, and they migrate
along these dislocations with similar migration energies, thus enhancing the nucleation and
growth of He bubbles. The sensitivity of these results to the choice of interatomic potentials will
also be discussed.
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Atomic-Level Modeling of Migration of Vacancies, He Interstitials, and
Nucleation of He-V clusters at Grain Boundaries in alpha-Fe

Fei Gao

Pacific Northwest National Laboratory, 902 Battelle Boulevard, P. O.Box 999,
Richland, WA, USA (E-mail: fei.gao@pnl.gov)

ABSTRACT

Atomic-Level Modeling of Migration of Vacancies, He Interstitials, and Nucleation of He-V
clusters at Grain Boundaries in alpha-Fe F. Gao, H.L. Heinisch and R.J. Kurtz Pacific Northwest
National Laboratory, Richland, WA 99352, USA One of the most important issues for fusion
materials development is the high rate of production of helium, and its interaction with
microstructural features. Helium trapping and interactions with dislocations, grain boundaries
(GBs) and particle-matrix interfaces can result in adverse effects on mechanical properties of
metals and alloys. In particular, high helium concentrations can lead to the formation of helium
bubbles that enhance void swelling and cause embrittlement by intergranular fracture along GBs.
Thus, the formation of He bubbles both in the bulk and at GBs remains one of the most
important aspects in nuclear fusion technology. In order to explore the microstructural evolution
of materials in a fusion reactor environment, it is necessary to fundamentally understand the
behavior of lattice defects and helium atoms in the materials, particularly with respect to their
interactions with various sinks. The dimer method for searching transition states has been used to
systematically search for possible migration paths of vacancies, He interstitials and He-vacancy
(He/V) clusters at the sigma 11<110> {323} and the sigma 3<110> {111} GBs in alpha-Fe.
Individual vacancies can migrate to and become trapped at the GBs. These trapped vacancies can
diffuse along the GBs with migration energies less than that within a perfect crystal, and in one-
dimensional fashion along specific directions in both GBs. Also, dimer saddle point searches
show that He interstitials can diffuse along the GBs with migration energies of 0.4-0.5 eV,
similar to those of individual vacancies at the GBs. However, it is of interest to note that He
atoms migrate two-dimensionally in the sigma 3 boundary, and one-dimensionally in the sigma
11 boundary. We have further developed the dimer method to deal with flexible boundary
conditions, which is important for studying the properties of large He-V clusters at GBs. Long-
time dynamics based on the dimer method has been employed to investigate the possible
nucleation mechanisms of He-V clusters as a function of the number of He interstitials and
vacancies in bulk and GBs. The sensitivity of these results to different interatomic potentials will
also be discussed.

Corresponding Author: F. Gao fei.gao@pnl.gov Pacific Northwest National Laboraroty P.O. Box
999 K8-93 Richland WA 99352
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Resistance to Fast Dislocation Motion

Chung H. Woo
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(E-mail: chung.woo@polyu.edu.hk)

ABSTRACT

Conceptually, the dynamics of a dislocation can be simply considered in terms of motion driven
by a generalized force and opposed by resistances due to dissipative reactions with various
components of the real solid. These include the discrete structure and symmetry of the crystal
lattice, scattering due to real and virtual particles, such as electrons, phonons and magnons, and
other crystal defects. Early calculations based on continuum linear elastodynamics, taking into
account various dissipative mechanisms, found that at a sufficiently high speed (> 0.1 cs), the
dislocation follows a viscous motion under a drag force proportional to the velocity. Acceleration
of the dislocation beyond sound speed cs is not permissible due to the progressively increasing
radiation drag as the dislocation approaches cs. Due to the dominance of the phonon and magnon
effects as temperature increases, the viscous drag on the dislocation generally increases with
increasing temperature, except at very low temperatures or very low driving forces. In such
cases, effects of defect barriers and electron scattering are the dominant factors. The predictions
of these calculations are generally in good agreement with experiments for dislocation velocities
much below the sound speed. However, the situation is much less clear for higher dislocation
velocities, both experimentally or theoretically. Linear elastodynamics is evidently inadequate
for the description of dislocation motions in a discrete crystal lattice. Effects due to
configurational oscillation as the dislocation core sequentially attains the ground-state and
saddle-point configurations, or effects on the dispersion relations due to the discreteness of the
lattice, lie beyond its scope. Thus, molecular dynamics (MD) simulations observed motion of
dislocations crossing the subsonic/transonic boundary, which is forbidden in linear
elastodynamics. To obtain information on the resistance to dislocation motion due to lattice
discreteness, we have conducted systematic investigations on the dynamics of fast dislocations as
a function of temperature and applied shear in a bcc Mo and W using molecular dynamics
simulation. The results reveal very large fraction of the energy input is dissipated as heat
generated from the dislocation core, producing dislocation drag that is an order of magnitude
larger than those based on the continuum theory.
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ABSTRACT

Molecular dynamics simulations were used to investigate reactions between an 2<111>{110}
edge dislocation with interstitial dislocation loops with Burgers vector equal to either /2(111) or
(100). The loop size was varied from 0.5 nm up to 8.6 nm, and simulations of both static and
dynamic conditions were performed. The results obtained show that small loops (with size up to
~Inm) are easily absorbed by reaction with edge dislocations, independently of their Burgers
vector. Large loops are strong obstacles and, depending on the difference in orientation of the
dislocation and loop Burgers vectors, are either completely or partially absorbed. The mechanism
that provides complete absorption of relatively large loops involves propagation of the reaction
segment, formed in favourable dislocation reaction, over the loop surface. This motion is
controlled by cross-slip of the screw dislocations formed in a dipole and can involve complicated
dislocation reactions. Thus, thermally-activated glide and/or decomposition of the pinning
segment formed in the favourable reaction determines both the absorption and critical stress, and
therefore depends on temperature, strain rate and loop size.

1. Introduction

The microstructure of neutron-irradiated ferritic alloys, which are important structural materials
for nuclear reactors, typically consists of dislocation loops, nano-voids and second-phase
particles. At sufficiently high doses (a few dpa), defects detectable by transmission electron
microscopy (TEM) in bcc Fe and Fe-based alloys are mainly self-interstitial atom (SIA)
dislocation loops (henceforth DLs) with Burgers vector, by, equal to either 2<111> or <100>
(see [1,2] and references cited therein). DLs present in the matrix pin dislocations by either
contact or elastic interaction and obstruct their motion, which leads to an increase of the yield
stress and reduction in ductility. Furthermore, experiments suggest that the ability of
dislocations to absorb DLs assists in the formation of defect-free channels, which may cause
plastic instability and loss of work hardening [3]. Rationalization of these phenomena requires
detailed understanding of the interaction mechanisms between dislocations and radiation-induced
defects, including dislocation loops. This can be provided by atomic-scale computer simulations
using molecular dynamics (MD) techniques. In such simulations, shear strain, y, is applied at a
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constant rate, j/, to a model crystal containing a dislocation line and loop, and the corresponding

shear stress, 7, is calculated from the reaction force exerted on the sheared boundaries by the
crystal [4].

A series of MD studies has been focused on the interaction of a 2<111>{110} edge dislocation
with a periodic row of DLs in iron with by equal to either 2<111> or <100> [5-9]. For the
%<111> loops it has been revealed that those with by parallel to the dislocation glide plane
(DGP) do not offer significant resistance to the glide of an edge dislocation and can be easily
absorbed or dragged by it: we do not consider them further here. DLs with by inclined to the
DGP are attracted by an edge dislocation and react with it [7]. Small DLs (e.g. containing up to
37 SIAs) are easily absorbed as superjogs on the dislocation line [7]. Larger ones (>100 SIAs)
react with the dislocation to form a segment with b of <100> type, which is sessile in the DGP
and thus pins the dislocation [5,7,8]. The reaction mechanism and the critical stress, 7c, required
to unpin the dislocation was found to depend on temperature and loop size [5-8]. The results
obtained so far suggest that even relatively large 2<111> loops (331 SIAs) can be completely
absorbed at sufficiently high temperature (>300K). Favourable reactions with <100> loops form
72<111> segments and, in contrast with /2<I111> DLs, have a wider variety of outcomes, ranging
from no to total loop absorption by the edge dislocation [9]. Furthermore, <100> DLs with by,
laying in the dislocation slip plane are strong barriers to dislocation glide, others are weak.

The main goal of the present work is to review details of absorption of <100> and '2<111> loops
by reaction with an edge dislocation and the factors controlling it. We therefore used MD
simulations to study reactions of the edge dislocation with DLs with size varied from 0.5nm
(invisible in a TEM) up to 8.6nm (easily resolvable), in both static (7= 0K) and dynamic (7' =1
- 600K) conditions.Headings (e.g. Introduction, Procedure, Numerical Methods, Results,
Discussion, etc.) should be in 12 pt, bold and title case. Please number headings (1., 2., 3., etc).
Provide one space between heading and text and double spaces between text and following
heading.

2. Simulation technique

The 1/2[111](110) edge dislocation was constructed using the model of a periodic array of
dislocations developed in [4]. Dislocation glide occurred by applying a [111](110) shear strain at

a constant rate,;?, in the range from 10° to 5x10” s. The corresponding stress-strain

relationships (7 —y) for the dislocations reacting with loops were obtained, by estimating the

stress acting on the fixed parts of the MD crystallite subject to displacement [4].

A straight edge dislocation was formed in the MD cell and the atoms relaxed to minimize
potential energy before the DL was created, after which relaxation was performed again. The
model was then equilibrated at the chosen temperature, 7, prior to application of shear strain.
Circular 2<111> SIA loops were placed below the dislocation slip plane, while square <100>
loops (with sides oriented along <110> directions) were placed so that the dislocation could
intersect them. The number of defects in the DLs was varied from 37 up to 1225 interstitials.
Simulation of reactions with the largest loops was performed in crystals containing up to 6M of
atoms, whereas reactions involving smaller loops were modelled in crystals containing ~IM of
atoms. The length of the dislocation line (L) was varied from 20.5nm up to 61.5nm and the
crystal size along [111] direction was varied from 1005 up to 2005 depending on the DL size and
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simulation temperature, to avoid the self interaction of the dislocation via periodic boundary

(along [111] direction). The size of the crystal along [110] direction was kept constant equal to
20nm. Thus, the dislocation density was varied in the range 1-2x10"° m™ resulting in the
equilibrium dislocation velocity (in the range of above-specified strain rates) ranging from 2 to
200 m/s.

All simulations were performed within NVE ensemble without additional temperature
control. MD integration time step was 5fs for simulations at 1K and 2fs at higher 7. All
simulations used the many-body interatomic potential for Fe from [10]. Identification of the
dislocation line and dislocation loops was realized via atomic disregistry and/or coordination
number and/or potential energy deviation analyses [4]. For understanding of the dislocation
reactions introduced later, the direction of the Burgers vector and line sense is as defined by the
RH/ES convention, e.g. [11].

3. Results and discussion
3.1. Absorption of Y2<111> loops

Two reaction mechanisms resulting in compete absorption by the edge dislocation of DLs (with
by, equal to either 1/2[111]) or %[ill] inclined to the (liO) glide plane) have been reported
[5,7,8]. In one (bL=1/z[lil] [7,9]), the reaction forms a <100> segment which pins the
dislocation and causes a screw dipole to form on the dislocation as it bows forward under
increasing 7. Eventually, the reaction segment glides across the loop surface and converts by to

%[111]. In the other (b ='%[111]) [5,9]), the <100> reaction segment splits into two screw
segments, which also glide across the loop surface and convert it into a set of superjogs. Here,
we have observed both mechanisms, but complete or even partial loop absorption did not occur
in all reactions. As demonstrated already in [7], small 2<111> loops (up to 37 SIAs) change b
spontaneously to that of the dislocation and the absorption process does not require an additional
stress. With the interatomic potential used here, the smallest loop to undergo spontaneous
absorption at 300K contained 37 SIAs (diameter D~1.5 nm), while additional stress was required
for a loop containing 61 SIAs (D~1.9 nm). Furthermore, the stress needed for the absorption

reaction to proceed increases approximately linearly with D for simulations at the same 7" and j/,

as seen in Fig. 1(a) for 300K and 10’s™. Thus, the absorption of relatively large SIA loops (1.5-
4.5 nm) occurs at high stress. The largest loop (D=8.6nm containing 1225 SIAs) was not
absorbed in the same simulation conditions, however, for the two screw arms forming the pinned
dipole were seen to glide towards each other in the DGP and annihilate at z.

Loop size is not the only factor controlling absorption. As noted above, absorption of relatively
large DLs requires motion of the <100> reaction segment across the loop surface, and this occurs
under the action of cross-slip of the two screw side arms of the dislocation as it bows out [7,8].
The stress (say 7<100>) required for glide of the <100> segment and/or cross-slip of a screw dipole

appears to depend on 7, since a significant decrease of 7¢ in reactions with ’2[111] loops was
observed in [8] for simulations above 300K and was found here as well (see Fig. 1(b)). In low-T
simulations, when 7« is relatively high and the reaction segment less mobile, the screw dipole
simply extends under the applied stress. On reaching sufficient length, the screw arms glide (in
the DGP) under their mutual attraction, annihilate and release the dislocation from the loop.
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